Introduction {#sec1}
============

Effects of nanometric confinement on polymer structure and dynamics have been in the focus for more than 15 years, primarily with the aim of providing the physical understanding for nanoscale polymer applications such as in composite materials. Changes in *T*~g~ are probably the most researched, but still controversial issue, with clear and intuitively expected indications of slowed-down segmental dynamics for the case of strongly absorbing surfaces but sometimes conflicting trends and a lack of understanding of the physical basis for the often decreased *T*~g~ close to free or nonabsorbing interfaces.^[@ref1]−[@ref8]^ One may expect that potential changes in *T*~g~, being related to the time scale of segmental relaxation, should directly influence also larger scale relaxations. However, even slow mechanical relaxation around *T*~g~ and aging processes below *T*~g~ appear to bear no simple relation to the observed *T*~g~ changes,^[@ref9],[@ref10]^ and the reason may be sought in a modified monomer packing persisting over length scales much beyond the radius of gyration (*R*~g~), as seen in computer simulations.([@ref2])

At larger length scales, changes in the whole-chain conformation, as again seen in simulations,^[@ref2],[@ref4]^ have been assessed by scattering techniques,^[@ref11]−[@ref15]^ with most studies concluding no deviation from Gaussian behavior. Nevertheless, the self-concentration is expected to be increased locally since the random walk of a chain close to a neutral interface is reflected onto itself. Consequently, a reduced interchain entanglement density has been discussed as the reason for enhanced flow of confined chains.^[@ref15]−[@ref18]^ In contrast, a "sticky" surface or local orientation effects and thus anisotropic dynamics of the segments close to an interface are thought to be the reason for enhanced elasticity([@ref19]) or reduced diffusion coefficients.^[@ref20],[@ref21]^ Interestingly, a slowdown of diffusion has also been reported for chains close to a free surface,([@ref22]) in apparent contrast to the (sometimes only transiently) reduced viscosity observed by others.^[@ref15],[@ref17],[@ref18]^ Annealing and nonequilibrium effects may thus play an important role.^[@ref7],[@ref18]^ Note that in all cases the effects were observed in a range up to or even beyond *R*~g~.

In this Communication, we present first results on the degree of anisotropy of segmental orientation fluctuations in entangled and geometrically confined chains in two different types of well-defined model nanocomposites with weakly interacting interfaces. We address temperatures far above *T*~g~ and time scales beyond the bulk entanglement time τ~e~, providing a molecular-basis view of the discussed phenomena. We use a recently established multiple-quantum (MQ) NMR technique,^[@ref23]−[@ref26]^ which probes the time-dependent degree of local chain orientation via the monomer-averaged apparent residual dipolar coupling constant, *D*~res~. At a given time and temperature, the experimental intensity at short pulse-sequence times τ~DQ~ depends on the square of this quantity; more precisely, it is directly proportional to the orientation autocorrelation functionwhere θ is the segmental orientation relative to the external magnetic field. In polymer melts, the decay of *C*(*t*) reflects chain motions in the tube-model regimes II−IV,^[@ref23],[@ref26]^ and its magnitude *C*(τ~e~)^1/2^ ∼ 1/*N*~e~ reflects the macroscopic elasticity in terms of the number of segments in an entangled strand (tube diameter). In networks, *C*(*t*→∞)^1/2^ ∼ 1/*N*~c~ exhibits a long-time plateau that at high cross-link density is directly proportional to the cross-link density.([@ref25])

Our results indicate significantly more anisotropic fluctuations in all confined systems as compared to the bulk. These findings appear related to the "corset effect", which was mainly observed in terms of strong changes of the frequency-dependent *T*~1~ relaxation times of spins (^1^H, ^2^H, ^19^F) in chains under geometric confinement in the nanometer−micrometer range.^[@ref27]−[@ref30]^ Kimmich et al. concluded these also to be due to highly anisotropic fluctuations, yet while in their work the effect appeared homogeneous throughout the sample, we find qualitative changes of our experimental response functions that indicate an inhomogeneous scenario, and we draw first conclusions on the length scale of the phenomenon.

Results and Discussion {#sec2}
======================

As a first model system to study interface-induced effects on polymer dynamics, we chose the preparation of D~2~O-based miniemulsions^[@ref31],[@ref32]^ of a commercial poly(dimethylsiloxane), PDMS, *M*~n~ = 90 kDa, PD = 1.43, *M*/*M*~e~ ≈ 7, *R*~g~ ≈ 8 nm. Using dichloromethane as organic cosolvent to reduce the viscosity (and evaporating it afterward), we were able to realize average droplet sizes in the range of 200−1000 nm controlled by the surfactant (SDS) content, as confirmed by dynamic light scattering (Figure [1](#fig1){ref-type="fig"}a) and cryo-TEM (data not shown). Note that the PDMS ^1^H signal at around 0 ppm was in all cases well-resolved from the surfactant signals, allowing for a selective measurement of the PDMS component. No significant interpenetration and no absorptive interaction between the alkyl moieties of the surfactant, and the PDMS is expected. Importantly, in order to prevent rotational diffusion of the PDMS spheres from interfering with polymer dynamics on the same time scale, we tested different schemes of immobilization. While embedding in rigid poly(vinyl alcohol) after mixing with an aqueous solution and subsequent evaporation did not preserve the integrity of the spheres, solidification of the water phase using 20 wt % gelatin worked well. Heating the gelled suspensions to about 50 °C and diluting in excess water confirmed the unchanged particle size distribution (see also Figure [1](#fig1){ref-type="fig"}a).

![(a) Particle size distribution of PDMS miniemulsion droplets in D~2~O, determined by dynamic light scattering. The redissolution result after solidification of the continuous phase with gelatin confirms the integrity of the spheres. (b) Normalized DQ build-up curves for PDMS in the bulk and confined to the different droplet sizes. (c) Orientation autocorrelation function *C*(*t*/τ~e~) obtained after scaling analysis^[@ref23],[@ref26]^ of temperature-dependent DQ build-up data, referenced to τ~e~(*T*) taken from the literature.^[@ref33],[@ref34]^](ma-2010-003248_0004){#fig1}

Normalized DQ build-up data were obtained following published procedures.^[@ref24],[@ref25]^ The MQ experiment yields two τ~DQ~-dependent signal functions, *I*~DQ~ and *I*~ref~, where the latter is a decaying function representing at long times 50% of the overall main chain signal that does not evolve into DQ coherences. It also includes signals from less constrained segments such as chain ends, which are quantitatively identified as slowly relaxing singly exponential tails, often best in a representation of *I*~ref~ − *I*~DQ~. After subtraction, the build-up rate of the normalized DQ intensity *I*~nDQ~ = *I*~DQ~/(*I*~DQ~ + *I*~ref~ − tail) reflects the magnitude of anisotropic constraints imposed by topological constraints (entanglements) and relaxation due to motions on a time scale beyond τ~e~.^[@ref23],[@ref24],[@ref26]^

The nDQ build-up data plotted in Figure [1](#fig1){ref-type="fig"}b immediately demonstrate that the chains in the smaller spheres are significantly constrained. Since a close-form analytical expression does not (yet) exist for a fit, we performed a scaling analysis proposed by Graf et al.,^[@ref23],[@ref26]^ which is based on the notion that in the short-time regime, *C*(τ~DQ~) ∝ *I*~nDQ~(τ~DQ~)/τ~DQ~^2^. Combining data taken at different temperatures, and shifting them using time−temperature superposition (TTS), based on the known temperature dependence of τ~e~, we obtain an approximate *C*(*t*/τ~e~), plotted in Figure [1](#fig1){ref-type="fig"}c. We notice an initial power-law decay with an exponent of ∼0.5, which indicates that the entanglement constraints are not yet fully developed at *M*/*M*~e~ ≈ 7, in agreement with our recent results.([@ref26]) The limiting slope in the Doi−Edwards regime II would be 0.25.^[@ref26],[@ref35]^ The increasing slope toward longer times reflects the terminal relaxation, which appears to be unchanged in the differently confined systems. The only significant change is the overall upward shift of *C*(*t*/τ~e~) by a factor of about 3, corresponding to a √3 ≈ 1.7-fold increase of the constraint-induced order.

It may be expected that this increase is not homogeneous across the melt droplet, yet the featureless nDQ data in these samples did not allow for any further conclusions. However, another very relevant observation concerns the separable signal tail of *I*~ref~, which has been attributed to unentangled, isotropically moving chain ends. It presumably arises from contour-length fluctuation effects,([@ref36]) and in a bulk melt, it contributes to a decrease in elasticity by diluting the entangled fraction. Figure [2](#fig2){ref-type="fig"}a shows sample fits of this tail fraction, and Figure [2](#fig2){ref-type="fig"}b demonstrates its temperature dependence in all samples. In the bulk melt, it increases with temperature up to a range of 30%, which then roughly corresponds to the 2/7 fraction expected for the two outermost chain segments with lengths corresponding to *M*~e~ of a 7-fold entangled polymer chain. At lower temperatures, the chain dynamics is not fast enough to render the full *M*~e~ outer part isotropic on the NMR time scale.

![(a) Exponential signal tails related to isotropically mobile chain ends, as fitted to *I*~ref~ − *I*~DQ~ for different PDMS samples at 280 K. (b) Chain-end fractions as a function of temperature for all PDMS samples. The dashed lines are interpolations of the bulk melt data, scaled down by factors of 0.8, 0.45, and 0.3 to match the confined-sample data.](ma-2010-003248_0005){#fig2}

Notably, this tail fraction decreases substantially in the confined samples, indicating that now even the chain ends experience anisotropic constraints; in other words, contour-length fluctuations appear to be suppressed. This may be rationalized by a (rather long-ranged) geometrically wall-induced anisotropy acting on top of the tube constraint. For a rough estimate of the range of such an effect, we can assume that the center parts of the droplets are bulklike and that the confined parts do not show isotropic chain-end signals at all. Under this crude assumption, one can estimate the amount of interphase-related polymer by scaling the bulk melt chain end fractions to fit the confined data (dashed lines in Figure [2](#fig2){ref-type="fig"}b). Assuming that the confined fraction is located in a spherical outer shell of the droplets, the thickness of this shell is estimated to be 39 ± 8 nm, which is roughly 5 times the radius of gyration of the used PDMS.

The quantitative discussion of the results so far is subject to limitations, which are related to the use of a commercial PDMS with a non-negligible polydispersity of 1.4. Because of a rather large amount of material needed in the miniemulsion process, we did not attempt using more expensive monodisperse samples. Considering the width of the droplet size distributions (Figure [1](#fig1){ref-type="fig"}a), and the general disadvantages of PDMS with its rather large *M*~e~ and its crystallization temperature in the 200 K range limiting the study of slower dynamics, we now turn to a better defined model system, namely the nanochannels in self-ordered anodic aluminum oxide (AAO).([@ref37]) This system provides a hard-wall confinement imposed by hydroxyl-terminated surfaces saturated with water to different degrees depending on the applied annealing protocols. AAO can be infiltrated with unpolar polymers in the melt state, forming contiguous polymer nanorods([@ref38]) with rather neutral, noninteracting interfaces. This is important, as infiltration with (locally) polar polymers such as PDMS([@ref39]) or poly(ethylene oxide) would lead to nanometer-thick rigid absorption layers^[@ref40]−[@ref42]^ and thus network-like constraints for the chains protruding from it.([@ref43])

Nanoporous self-ordered AAO membranes, 100 μm in thickness, with pore diameters of 60 and 20 nm were infiltrated with monodisperse PB of *M*~n~ = 87 kDa, PD = 1.05, *M*/*M*~e~ ≈ 47, and *R*~g~ ≈ 11 nm. The time scale was estimated by simple mass uptake measurements (Figure [3](#fig3){ref-type="fig"}b), which show that about 4 days are needed for complete infiltration. During this time, the samples exhibit a rather complex NMR behavior, as shown in Figure [3](#fig3){ref-type="fig"}c. At low filling, the nDQ curves feature a quick initial rise, indicating a strongly confined fraction, which vanishes after more than 1 day of infiltration. In particular the response after only 0.5 h of infiltration suggests a superposition of signals from different microenvironments. A similar, allegedly layer-like behavior was in fact observed using commercially available AAO filter membranes (Whatman Anopore) partially filled with PDMS by solution infiltration.^[@ref44],[@ref45]^ Consistent with the mass uptake curve seen in Figure [3](#fig3){ref-type="fig"}b, we observed an equilibrated response only after extended melt infiltration in excess of 1 day. Note that samples were repeatedly measured over periods of months after preparation, showing reproducible results. Initial nonequilibrium chain conformations are thus assumed to be well-annealed.

These results highlight the potential drawbacks inherent to the use of disordered AAO membranes in investigations of confined polymer dynamics. In particular, in commercially available AAO filter membranes, often only short pore segments actually exhibit the nominal pore diameter (see also Figure [3](#fig3){ref-type="fig"}a). Moreover, without thorough identification of infiltration conditions yielding pores completely filled with equilibrated polymer melts, in particular in the presence of a volatile solvent, ill-defined and nonequilibrated states characterized by partial filling of the pore volume and a complex spatial distribution of the polymer may result. Some previous NMR results obtained on such samples should thus be handled with care,^[@ref44]−[@ref46]^ also considering that the PDMS used in these studies is known to bind quite strongly to hydroxyl-terminated surfaces.([@ref39])

![(a) Scanning electron micrographs of AAO. Left: bottom of a 100 μm thick self-ordered AAO membrane after infiltration with PB. The pore bottoms were opened by acid treatment, and the sample was coated with a thin gold layer. The complete filling of the pores with PB is obvious. Inset: cross section of a self-ordered AAO membrane prior to infiltration. Right: cross section of a disordered AAO filter membrane (Whatman Anodisc). (b) Infiltration kinetics at 298 K obtained from simple mass uptake measurements on two different samples, interrupted by removing and later adding again the bulk melt overlayer. (c) Normalized DQ build-up curves obtained at 303 K for samples after different infiltration times.](ma-2010-003248_0001){#fig3}

![Normalized DQ build-up curves for PB in bulk and infiltrated into the nanochannels of self-ordered AAO at different temperatures. The solid line for 263 K is a fit demonstrating homogeneous entanglement constraints, and the dashed lines at higher temperatures are two-parameter fits yielding about 15 and 45% constrained network-like material in the 60 and 20 nm pores, respectively.](ma-2010-003248_0002){#fig4}

Finally, we discuss the MQ NMR results obtained for PB confined to 20 and 60 nm wide nanochannels plotted in Figure [4](#fig4){ref-type="fig"}. Because of the high number of entanglements per chain (*M*/*M*~e~ ≈ 47), the isotropic end fraction is always \<5% in these samples, and the determination of its content is subject to errors, which is why we refrain from a closer discussion at this point. Detailed studies are underway on samples with lower *M*. At the lowest temperature of 263 K, which is about 90 K above *T*~g~ (just as for the lowest temperature of our PDMS samples), we observe only little confinement effects (the 20 nm sample exhibits a somewhat quicker initial rise), which we explain with the dominance of the much stronger entanglement-induced anisotropy to chain motion. The response at 263 K is almost network-like as expected in the rubbery plateau (Doi−Edwards regime II), characterized by an intensity maximum close to 50%, and can be fitted to an apparent residual coupling on the order of *D*~res~/2π ≈ 180 Hz, which corresponds to a local order consistent with the entanglement spacing of this polymer.([@ref26]) At larger temperatures, local order in the bulk PB melt is reduced due to reptation, and the comparably quicker rise of the nDQ buildup of the AAO-confined PB directly reflects additional interface-induced anisotropy.

We observe qualitative differences to the soft-confined PDMS spheres, where the terminal dynamics appeared unaffected, leading to a monotonic decay of *C*(*t*) (Figure [1](#fig1){ref-type="fig"}c). Here, we were not able to obtain satisfactory representations of *C*(*t*/τ~e~) using TTS, which we attribute to a more pronounced inhomogeneity of the response, affecting the shape of the *I*~nDQ~(τ~DQ~) data at very early times, thus invalidating the *I*~nDQ~(τ~DQ~) ∼ *C*(τ~DQ~)τ~DQ~^2^ approximation. Further, the response in the 20 nm wide nanochannels is found to be only weakly temperature-dependent, indicating a network-like plateau in *C*(*t*/τ~e~). At least for the associated confined fraction, the terminal relaxation does apparently not lead to isotropic chain motion in the long time limit, which may be explained by the different confinement geometry (straight long channel vs isotropic sphere).

A semiquantitative analysis is possible if we again make a simplifying assumption for the polymer in the surface layer. Here, we assume that the nDQ curves in confinement are superpositions of unchanged bulk-like material (for which we numerically interpolate the corresponding bulk data) and of a network-like component with a given residual coupling constant and no long-time relaxation (corresponding to an nDQ curve that reaches the long-time plateau at 50% intensity, such as the 263 K data in Figure [4](#fig4){ref-type="fig"}). The dashed lines for the higher temperatures are two-parameter fits indicating 15 ± 2 and 45 ± 5% constrained material with *D*~res~/2π ≈ 170 ± 10 and 260 ± 8 Hz for the 60 and 20 nm pores, respectively. The fit is somewhat inferior in the 20 nm pore, which is likely due to the existence of a more pronounced property gradient. The given intervals indicate the (weak) variation with temperature. The two fractions correspond to the same surface layer thickness of about 2.5 nm, which is now significantly less than *R*~g~ of this polymer.

In order to reconcile the different observations for PDMS and PB, we need to keep in mind that the estimates of the constrained fraction were based on different observations, respectively, i.e., missing isotropic chain-end parts (which were not significant for highly entangled PB) and the amount of polymer involved in significantly anisotropic segmental motion (which is too severely affected by terminal relaxation in lowly entangled PDMS). More conclusive results will be drawn from our ongoing study of a larger molecular-weight range and from an in-depth analysis of the experimental data. For now, we hypothesize that the length scale of geometrically induced anisotropy of segmental motion might be related to the entanglement separation (*M*~e~) rather than the radius of gyration, explaining the rather large length scale of the effect observed for PDMS in the nanodroplets. This also makes sense from a more fundamental perspective, as the phenomena that we study (degree of anisotropy of the dynamics in Doi−Edwards regimes II and III) are governed by the entanglement density. Fast local motions, over which our NMR observable is averaged, are effectively restricted to a spatial domain governed by the entanglements, possibly limiting effects of geometric wall-induced anisotropy to this length scale.

A direct comparison of our observations with the "corset effect"^[@ref27]−[@ref30]^ observed in terms of strong changes in frequency-dependent NMR *T*~1~ relaxation times remains difficult as long as there is no molecular model predicting confinement-induced shape changes of the dipolar (orientation) autocorrelation function *C*(*t*). Our results constitute a direct observation of the increase of the unaveraged part of the dipolar interaction tensor, corresponding to an increased (yet still small) absolute value of *C*(*t*) at a time scale in the reptation regime of the bulk polymer (see ref ([@ref26]) for details), while *T*~1~ is also sensitive to faster motions down to the segmental level, reflecting the fluctuating part of the dipolar tensor, i.e., the decay of *C*(*t*) toward the range that MQ NMR is sensitive to. The two methods are therefore complementary, and field-cycling *T*~1~ investigations of our samples have thus been initiated. We note that the corset effect was reported to be homogeneous across the investigated samples, as evidenced by monoexponential *T*~1~ relaxation, while we interpret the qualitative shape changes of our *I*~nDQ~(τ~DQ~) data in terms of an inhomogeneous scenario.

Further, a recent inelastic neutron scattering study([@ref47]) focusing on fast segmental motions of poly(ethylene oxide) in self-ordered AAO channels of 40 nm diameter concluded no significant confinement effects on translational diffusion (apart from the expected immobilized absorption layer), which, however, as pointed out in a recent rebuttal by Kimmich and Fatkullin,([@ref30]) cannot be taken as evidence for the absence of a "corset effect" affecting rotational dynamics. Finally, the effect observed by us is significantly more pronounced than orientation effects described by Deloche and co-workers,([@ref48]) who did not detect any changes in moderately entangled PDMS films above 25 nm thickness. However, their effect in films below 25 nm could be quantitatively attributed to immediately geometrically induced segmental anisotropy in combination with diffusive averaging, and our preliminary *T*~2~ relaxation experiments on macroscopically ordered membrane stacks confirmed that the observed anisotropy is orientation-dependent, suggesting a similar origin of the phenomena.

Conclusions {#sec3}
===========

We have found that geometric confinement leads to significantly more anisotropic chain fluctuations than predicted by the tube model on time scales beyond the entanglement time. In spherical confinement of PDMS melt droplets (*M*/*M*~e~ ≈ 7), the average chain orientation is measurably increased, while the terminal dynamics (isotropization) appears unaffected, and the thickness of the confined material layer is estimated to about 40 nm, based on decreased isotropic chain-end signal. In contrast, cylindrical confinement of highly entangled PB (*M*/*M*~e~ ≈ 50) leads to an almost temperature-independent response indicating network-like segmental anisotropy in an estimated ∼3 nm surface layer. The differences may be due to the different confining geometries, and the rather different entanglement spacings of PDMS and PB, suggesting the tube diameter as the relevant length scale for the phenomenon.

While the overall phenomenon of increased segmental order is in tune with increased elasticity([@ref19]) and maybe also slowed-down diffusion^[@ref20]−[@ref22]^ in some thin-film setups, it is an open question as to how our observations can be reconciled with the enhanced flow observed under more similar (weakly interacting interface) conditions.^[@ref15],[@ref17],[@ref18]^ A dominating effect of nonequilibrated chain conformations that are expected for these latter studies appears plausible. Further studies of PB in AAO nanochannels over a large molecular-weight range, self-diffusion measurements by pulsed-gradient NMR, more detailed infiltration experiments based upon confocal fluorescence microscopy of dye-doped polymers, and experiments focusing on changes in the interfacial properties by surface modification are underway and will be reported shortly.

Experimental Section {#sec4}
====================

Samples and Characterization {#sec4.1}
----------------------------

The investigated PDMS base polymer was an alkyl-terminated PDMS obtained from Wacker Silicones, and the narrowly distributed PB (−H and −*sec*-butyl termination, about 54% *cis*, 41% *trans*, and 5% vinyl units) was purchased at PSS (Mainz, Germany). Other chemicals were obtained from Aldrich and used without further purification. The miniemulsions recipes were 1 g of PDMS, 4 g of dichloromethane, 20 g of D~2~O, and 0.3−2.5 g of sodium dodecyl sulfate (SDS). First, a macroemulsion was prepared by vigorous stirring for 1 h, followed by ultrasonication (2 min at 120 W) using a Bandelin HD2200 with KE76 tip. Droplet size distributions were measured with a Horiba LA-920 particle sizer and confirmed by cryo-TEM. The emulsions were gelled by adding 20 wt % bone gelatin (Merck) at 50 °C. AAO membranes were prepared following the procedures reported in the literature.^[@ref37],[@ref49],[@ref50]^ Before infiltration, the AAO was dried in vacuum at 250 °C. Infiltration of PB into the membranes was performed by placing the PB on the surface of the AAO at 298 K under vacuum or argon atmosphere to prevent possible oxidation and subsequent removal of excess PB with a sharp blade. The aluminum substrate attached to the AAO layer was removed following procedures described elsewhere([@ref51]) prior to crushing and flame-sealing in evacuated NMR sample tubes.

*NMR experiments* on the PDMS nanospheres and the PB in AAO nanopores were performed on Bruker Avance 500 (*B*~0~ = 11.7 T) and Bruker Avance II 400 (*B*~0~ = 9.4 T) spectrometers, respectively, using in both cases the proton channel of standard Bruker static double-resonance probes. MQ experiments using a dedicated multipulse sequence were conducted and evaluated following previously published procedures.^[@ref25],[@ref26]^ For the experiments on PB infiltrated into AAO, broad signal components related to rigid surface hydroxyl groups and H-bonded water was suppressed by a MAPE dipolar filter([@ref52]) of 200 μs length prior the applying the MQ pulse sequence.
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